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stoichiometry alloys were prepared accordingly: Ti30.6V16.4Mn48.7 
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hydrogen capacity (9%) in the hyper-stoichiometry alloy was attributed to 

the trapped hydrogen, the complete loss of hydrogen capacity in the 

stoichiometry and hypo-stoichiometry alloys seemed to originate from the 
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complete the picture 
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11)     Line 16; Page 3: Heat treatment; the authors should provide more information 
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reasons for the reported hydrogen capacity loss. Although some works have been done on the cyclic 
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to their composition. This is stated in the last paragraph:  

“In fact, most of the Laves phase AB2 (particularly Ti-Mn based) alloys have been developed by 
compositional and structural modification for specific applications with limited attention to the cyclic 
stability of these alloys. This work studies the effect of alloy’s stoichiometry on the cyclic stability of Ti-
Mn based alloys under a similar experimental condition. The responsible mechanisms for hydrogen 
capacity loss and their relationship to the alloys composition is investigated.” 
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14)     The authors should clarify a bit more the measurements they did at the commercial Sieverts 
(Hidden) and the 'home-made' one 

More details are added.  

 
15)     I believe that the word synthesis is more appropriate rather than fabrication 

Corrected.  

 
16)     At the results part: The authors are immediately present the results in Fig. 1, without even 
introducing the materials 1, 2 and 3. A simple table with the nominal (expected) stoichiometries will do 
the job. 

The actual composition of the alloys are given in the abstract and Table 1. We have replaced the text to 
inform the reader of the alloys composition given in Table 1.   

 
17)     Last line of Page 6; Should it be A(V) and B(Zr, Fe, Cr) instead of A(Zr) and B(V, Fe, Cr)? 

In these alloys, the A-elements tend to be from the IVA group, such as Ti, Zr, Hf and/or the lanthanides 
(La, Ce Pr, etc). The B-elements can be a variety of transition or non-transition metals with a preference 
for V, Cr, Mn or Fe (Sandrock, 1999). Similar to the AB5 family, a wide variety of substitutions are 
possible for both A and B elements which allows for fine tuning of the PCT properties. 

18)     Last line at Page 6 and first line at Page 7;…. Which their quantity is more or less similar in all the 
alloys..I think that a further explanation needed. 

Corrected.  

19)     Line 4 Page 7: leading to the formation…. I thought that this was the initial target of the 
synthesis; to achieve this stoichiometries… this expression must be clarified. 

Corrected.  

20)     Line 7; Page 7: The authors should explain why the Ti content in their samples is higher as 
compared to other studies 

Please note that we wrote comparable, not compared. 

21)     Is the phase A3B3O expected to arise? Some extra comments might be helpful 

It is. This is mainly related to the synthesis process and the handling/storing conditions. Comments are 
added.  

 
22)     Line 7; Page 8: The authors should give the values for the mid-plateau pressures 

Values added to the Table 2. 

23)     Lines 12-19; Page 8: The work that the authors are referring has been submitted and not yet 
peer reviewed and accepted; thus, at the moment, I don't think that can be used as a valid scientific 
reference to defend the outcomes 
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Reference 38 is removed.  

24)     In general, chapter 3 is written without using any sub-chapters to make the reading easier and to 
separate the results; I would highly recommend that the authors should carefully split the chapter 3 in 
to sub-chapters; for example 3.1 SEM Micrographs, 3.2 XRD etc.. 

We have split section 3 into synthesised alloys and cycled alloys. Each section follows a logical order for 
demonstrating the experimental results and should be now easier for the readers to follow.  

25)     There is no chapter 4; from chapter 3 directly to chapter 5 

Corrected. 

26)     Same comment as comment 24 for chapter 5; please separate in various sub-chapters 

We think chapter 4 (Discussion) should be presented as one. Please note that unlike the result section, 
each paragraph on the discussion is required to support and clarify the following points and the current 
format best fits the purpose.  

 
27)     Line 18; Page 11; I believe that further explanation is necessary for the lack of stable phase 

The lack of hydride phase can be seen in Figure 2 after the cycling and the possible reasons (high 
plateau pressure and less favourable thermodynamic) are well discussed within the article.  

28)     Figure 7; there is some overlapping at the y-axis (numbering) 

Corrected.  

29)     Line 2; page 12; seems closer to 180degC rather than 150degC 

Corrected. 

30)     Line 16; Page 12; I believe that the sentence: saturates around 650 cycles… is a bit risky here, as 
the authors didn't go over 1000 cycles, so the further cycling behavior is not known 

We have modified the sentence.  

 

31)     Lines 17-19; Page 13; Did the authors investigate the situation on the surface or it is an 
assumption? 

Hydride formation is well known to start from the surface of the particles and progress towards the 
centre. The kinetic rate limiting step is therefore hydrogen diffusion through the formed hydride phase. 

The low level of hydrogen desorbed from the alloys 2 and 3 suggests that stable hydrides may mainly 
formed on the surface of particles, hindering subsequent hy/dehydrogenations at the experimental 
condition used in this study.  
 
 
Reviewer #2: Overall the reported work is interested and the manuscript is well written. Minor 
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For figures, instead of mentioning it as Alloy 1, 2 and 3, stating the actual composition of the metal 
hydride would be preferable. Doesn't make the reader going through pages to find the exact composition 
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components which makes it difficult to repeat throughout the manuscript. It will also be more difficult for 
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significance of comparison. For example, page 13 shows that "dehydrogenation of alloy 3 starts at 
higher temperature", so higher temperature in relation both Alloy 1 and 2? And how high? Other 
examples on same page are "higher hydride phase abundance", " lowered as the B/A ratio decreased"  
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Compositional effects on the hydrogen cycling stability of 
multicomponent Ti-Mn based alloys  

Shahrouz Nayebossadri and David Book   
School of Metallurgy and Materials, University of Birmingham, 

Edgbaston, Birmingham, B15 2TT, UK 
 

Abstract 

Intermetallic alloys such as AB, AB2, and AB5 type have been studied due to their capability 

to reversibly store hydrogen. These alloys exhibit varying hydrogen storage properties 

depending on the crystal structure and composition. Compositional modification is 

commonly known as an effective method to modify the alloys thermodynamic and kinetics 

for various applications such as metal hydride batteries, metal hydrides hydrogen storage 

and compression. However, the effects of the compositional modification on the cyclic 

stability of these alloys are not usually well studied.  

Here, the hydrogen cycling stabilities of Ti-Mn based alloys with C14 type structure are 

studied. Hyper-stoichiometry, stoichiometry and hypo-stoichiometry alloys were prepared 

accordingly: Ti30.6V16.4Mn48.7 (Zr0.7Cr0.8Fe2.8) (B/A=2.19), Ti32.8V15.1Mn47.1 (Zr0.9Cr1.2Fe2.9) 

(B/A=1.97) and Ti34.5V15.4Mn44.7 (Zr0.9Cr1.3Fe3.2) (B/A=1.87). Whilst the hyper-stoichiometry 

alloy showed almost a stable (about 9 % capacity reduction) hydrogen capacity after 1000 

cycles of hydrogenation and dehydrogenation, the stoichiometry and hypo-stoichiometry 

alloys failed to hydrogenate after about 950 and 500 cycles respectively. A limited reduction 

in the calculated crystalline size of the alloys was observed before and after the hydrogen 

cycling, denoting that pulverisation plays a less significant role on the observed hydrogen 

capacity loss. In addition, a reduction in the B/A ratio from 2.19 to 1.82 (hyper to hypo-

stoichiometry) encouraged the formation of more stable hydride and a higher level of 

heterogeneous lattice strain. Whilst a small loss of hydrogen capacity (9%) in the hyper-

stoichiometry alloy was attributed to the trapped hydrogen, the complete loss of hydrogen 

capacity in the stoichiometry and hypo-stoichiometry alloys seemed to originate from the 

formation of stable hydride and the lattice distortion.  

 

Keywords: Metal hydrides, Ti-Mn based alloys, C14 Laves phase, hydrogen cycling 
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1. Introduction 

The reversible reaction of some solid-state materials and hydrogen can offer a viable route 

to safely store, compress and transport hydrogen in a compact way [1], [2]. There are 

several metals and alloys capable to form hydrides at a range of pressures and temperatures 

[1]. Unlike ionic and covalent hydrides with a fixed composition, metal hydrides 

demonstrate high versatility in their composition, hence interesting materials for various 

applications [2], [3]. In particular, intermetallic compounds are promising materials for 

hydrogen storage due to their highly tunable properties. However, the stoichiometry of the 

intermetallic compound and therefore their crystal structure seems to dictate their 

hydrogen storage properties [2].  

AB2 intermetallic alloys based on the Laves phase crystal structures of cubic C15 (prototype 

MgCu2, Pearson cF24 and space group Fd-3m) or hexagonal C14 (prototype MgZn2, Pearson 

hP12, space group p63/mmc) have been studied for hydrogen storage [4]–[6]. Extended 

compositional homogeneity range can be offered by the Laves phase structure as a result of 

the vacancy formation, substitution of sub-stoichiometric atom positions by super-

stoichiometric atoms in the structure and occupation of interstitial sites by super-

stoichiometric atoms. [7], [8]. In addition, A and B elements can be easily replaced by 

additional alloying elements in most Laves phases [9], hence facilitating the modification of 

hydrogen storage properties of AB2 intermetallic alloys. 

Laves phase Ti-Mn based alloys are appealing hydrogen storage materials due to their 

acceptable hydrogen capacity at room temperature (~2wt%, suitable for stationary 

applications), fast hydrogenation and dehydrogenation kinetics, good cyclic stability, easy 

activation and a relatively low cost [10], [11]. However, the alloys composition and the type 
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of substitutional elements can have a substantial effect on the hydrogen storage 

characteristics of the alloy. For instance, it was noted that hydrogen capacity and the cyclic 

stability of the alloy can be improved by increasing the volume fraction of TiMn2 phase via 

keeping the Ti content of the alloy at an optimum level [12], [13]. The compositional 

dependent hydrogen storage properties have also led to numerous efforts for tuning the 

thermodynamic and kinetics of the Ti-Mn based alloys for specific applications by partially 

substituting A and B atoms with transitional metals  [10], [14]–[18]. Nevertheless, besides 

the thermodynamic and kinetics improvements, other factors such as cyclic stability and 

sensitivity to gas impurities play an important role in the effective development of these 

alloys.  

The effect of the pressure induced hy/dehydrogenation cycling on the performance of the 

TiMn1.5, Ti0.8Zr0.2Mn1.2Mo0.1 and Ti0.9Zr0.1Mn1.4Cr0.4V0.2 alloys were investigated [19]. The 

hydrogen capacity of the binary and multicomponent alloys were reduced by 30 % and 20 % 

respectively, after about 10000 cycles. Although cycling imposed lattice distortion, no stable 

hydride phase or phase disproportionation could be identified. The hydrogen capacity 

reduction was rather related to the surface poisoning by impurity gases. In another study 

[20],  hydrogen capacity of the TiMn2 (Ti40Mn60 at. %) alloy almost halved (0.59 H/M to 0.3 

H/M) after only 31 cycles. In this case, degradation in hydrogen capacity was attributed to 

the formation of stable Ti-H phase and retained hydrogen in interstitial sites accompanied 

by increasing lattice expansion and heterogeneous strain as a function of cycles. Yet, the 

hydrogen capacity in this alloy could be almost fully recovered by heating the alloy at 400 °C 

for 1 h under argon. Compositional and structural changes in the C14 Laves phase were also 

held responsible for the loss of hydrogen capacity in Ti-Mn based alloys during cycling [21]. 

Whilst Ti40Mn60 alloy retained almost its full hydrogen capacity after 30 cycles, a slight 
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change in the C14 Laves phase composition and therefore atomic site occupancy in the 

Ti39Mn61 (at. %) alloy could drastically decrease the cyclic stability.  

The cyclic properties and effects of impurities in the gas stream on the hyper-stoichiometry 

Ti0.98Zr0.2V0.43Fe0.09Cr0.05Mn1.5 alloy were investigated [22] and only a limited degradation 

(less than 5 %) in the hydrogen capacity of the alloy was observed after 2000 cycles under 

high purity hydrogen (99.999%). However, the effects of gas impurities were distinct as N2 

and CH4 only reduced the hydrogenation kinetic, whereas O2, CO, CO2 and H2O reduced the 

hydrogen capacity and cyclic stability of the alloy. It was especially noted that if O2 presents 

higher than 0.03 wt % in the alloys, it can be detrimental to the formation of homogeneous 

microstructure of the Laves phase. Furthermore, long-term cyclic stability of the same alloy 

was studied under hydrogen (99.999 %) and no degradation in hydrogen capacity of the 

alloy was reported after 42400 cycles [23]. Cyclic stability of the 

Ti0.98Zr0.2V0.43Fe0.09Cr0.05Mn1.5 alloy was also examined [24] after synthesising with low-cost 

and low purity FeV and Ti sponge and only a limited reduction in hydrogen capacity 

occurred after 1000 cycles, similar to the alloy made from the high purity elements. 

Nevertheless, the importance of microstructural homogeneity to maintain the cyclic stability 

of AB2 alloys is well established [12], [25]–[27].  

2. Hence, it seems that the cyclic stability of Ti-Mn based alloys is controlled by the inherent 

properties of the alloys as well as the external factors. For example, thermodynamic 

preference of most intermetallic hydrides to form a stable elemental hydride can lead to a 

phase disproportionation and therefore reduced cyclic stability [28]. In the meantime, the 

effect of experimental conditions such as hydrogen gas purity, temperature range, cycling 

repetition time, gas pressure and alloy’s handling [29] are equally important on the cyclic 

lifetime of the alloys. Evaluation of the alloys cyclic lifetime may become challenging if the 
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above factors are not examined systematically. In fact, most of the Laves phase AB2 

(particularly Ti-Mn based) alloys have been developed by compositional and structural 

modification for specific applications with limited attention to the cyclic stability of these 

alloys. This work studies the effect of alloys stoichiometry on the cyclic stability of Ti-Mn 

based alloys under a similar experimental condition. The responsible mechanisms for 

hydrogen capacity loss and their relationship to the compostion of the alloys are 

investigated.  

2. Experimental details 

Three (hypo-stoichiometry, stoichiometry and hyper-stoichiometry) alloys were synthesised 

from elements. Elemental Ti (sponge, 99.95%), V (pieces, 99.7%), Mn (pieces, 99.9%), Zr 

(sponge 99.5%), Cr (pieces, 99.995%), Fe (pieces, 99.99%) and Ni (powder, 99 %) were 

purchased from Alfa Aesar. Alloys were pressed into pellets using an ATLAS automatic 

uniaxial press to produce a 2 g charge before synthesising by arc melting on a water-cooled 

copper crucible in an argon atmosphere. Remnant oxygen in the arc melting chamber was 

removed by melting a sacrificial oxygen getter before melting the alloys. The arc melting 

current was kept at 50 A to minimise the risk of losing elements during the arc strike. Each 

alloy was rotated and melted at least three times to ensure the homogeneity. No heat 

treatment was performed on the synthesised alloys and they were crushed to a particle size 

of less than 50 µm and kept inside an argon filled glove box. 

Alloys microstructure and composition were analysed by a Joel 6060 Scanning Electron 

Microscope (SEM) equipped with an INCA 300 Energy Dispersive Spectrometer (EDS). Alloys 

were mounted in Bakelite and polished with silicon carbide papers before final polishing 

with OPA 1/4 micron suspension. Samples were cleaned using Acetone in a fume cupboard 

and dried with an electric hot air gun to avoid oxidation and surface pitting. 
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Room temperature X-Ray Diffraction (XRD) measurements were performed using a Bruker 

D8‒Advanced diffractometer with monochromatic CuKα radiation (λ = 1.54056 Å). The XRD 

data was refined via a pseudo‒Rietveld method with TOPAS Academic software [30] using 

published crystallographic information files (.cif) obtained from the Inorganic Crystal Systems 

Database [31].  

Alloys were activated in-situ before Pressure Compositional Isotherm (PCI) measurement 

by heating the alloy to 300 °C and then admitting 100 bar H2. Alloys were kept at this 

pressure for 4 h whilst cooling down to room temperature and vacuumed to approximately 

10-6 mbar at the end of the sequence. The activation process was repeated at least three 

times for each sample to ensure a full activation. A volumetric Sieverts-type system (Hiden 

Isochema HTPS-2) was used for PCI measurements under high purity hydrogen (Air Products; 

BIP-Plus Hydrogen 99.99996 %). Before measurements, the sample volume was determined by 

helium pycnometry. PCI Measurements were performed between 0 and 100 bar H2 at room 

temperature. Measurements were performed with a minimum holding time of 20 minutes to 

ensure no kinetic limitation for hy/dehydrogenation. 

Room temperature cyclic hydrogenation and dehydrogenation measurements were 

performed on the activated alloys between 0 and 70 bar H2 pressure (Air Products; BIP-Plus 

Hydrogen 99.99996 %) with a keeping time of 10 min at each pressure using another 

volumetric Sieverts-type system built by the Hydrogen Materials Group at the University of 

Birmingham. Sample temperature was monitored with a K-type thermocouple, directly in 

contact with the sample. Pressure transmitters (Maximum pressure of 200 bar) with an 

accuracy of ±0.25% were used to monitor changes in the hydrogen pressure during 

hydrogen cycling. The cycled alloys were examined by XRD, Differential Scanning Calorimetry 

(Netzsch DSC 204 HP) and Thermal Gravimetric Analysis (Netzsch TG 209) coupled with a 
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Hidden Analytical HAL IV Mass Spectrometry (MS). Approximately 30 mg of each alloy was 

loaded into TG/DSC and a heating rate of 2 °C/min and an Ar flow of 100 mL/min was 

applied. 

3. Results 

3.1 Synthesised alloys 

Elemental composition of the alloys was analysed by EDS and the results are given in Table 

1. In addition, SEM micrographs of the alloys after synthesise are shown in Fig. 1. All the 

alloys can be characterised by a dominant matrix phase which is accompanied by minor grey 

and dark phases. Formation of the minority phases with different morphology in Ti-Mn 

based alloys have been reported [14], [15], [17], [21] which seems to be controlled by the Ti 

and Mn content of the alloys. EDS results in Table 1 also indicate that all the alloys contain a 

small amount of other substitutional elements for A (Zr) and B (V, Fe, Cr) sites, which their 

quantities do not significantly vary in the matrix phase of the alloys. However, the 

compositional analysis of the matrix phase shows a trend that is a reduction in Mn content 

and an increase in the Ti content of the alloys. As a result, a distinct B/A atomic ratio for 

each alloy can be seen in Table 1, forming hyper-stoichiometry (Alloy 1), stoichiometry 

(Alloy 2) and hypo-stoichiometry (Alloy 3) alloys. The elemental composition of the minor 

grey and dark phases are also included in Table 1, revealing a higher Ti content at these 

regions, which is comparable to the previous studies [10], [14], [21]. Elemental composition 

of the grey phase shows a very close Ti and Mn content for all the alloys, hence denoting the 

possible formation of TiMn phase. The volume fraction of the TiMn phase may be increased 

by decreasing the Mn content of the alloy. However, the formation of TiMn phase is not 

desirable as the hydrogen absorbed in this phase can be hardly desorbed [21]. The Ti 

content of the dark phase also seems to be significantly higher than the matrix phase, which 
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can potentially lead to the formation of stable Ti-H phase during the cycling. The 

compositional variation in the grey and dark phases are also reflected by a significant 

reduction in their respecting B/A atomic ratio.  

The XRD patterns for the Alloys 1, 2 and 3 after synthesise are given in Fig. 2a, 3a and 4a 

respectively. All the alloys contain TiMn2 phase with a C14 Laves phase structure and no 

minority phases can be detected. The XRD patterns of the Alloy 1 and 2 also show the 

existence of ɳ-carbide type oxide A3B3O phase (FCC structure) [32], [33], where A=Ti and Zr 

and B=Mn and V. Rietveld refinement results in Table 2 provides a phase abundance of FCC 

oxide phase as approximately 1 % and 7.7 % for the Alloy 1 and 2 respectively, whilst the 

Alloy 3 seems to be fully composed of C14 Laves phase. The oxide phase formation is mainly 

related to the alloys synthesis and handling processes, hence all the alloys were stored 

under an inert atmosphere to avoid a possible increase in the oxide content. In addition, the 

substitutional elements observed by EDS analysis in Table 1, could not encourage the 

formation of any new phases in the alloys. The capability of substitutional elements to 

occupy the atomic crystallographic positions of typical primary phase constituents creates a 

large structural homogeneity region in the C14 Laves phase [9], [34], [35]. This offers the 

opportunity to improve the hydrogen storage characteristics of the C14 Laves phase by 

partial elemental substitution [6], [36], [37].  

Room temperature hy/dehydrogenation PCI curves of the alloys are shown in Fig. 5. All the 

alloys show a single plateau for hy/dehydrogenation with a very similar maximum hydrogen 

capacity of approximately 1.7 %. The (mid) plateau pressures are highest for the Alloy 1 and 

lowest for the Alloy 3 (Table 2). The relationship is reversed in terms of C14 Laves phase unit 

cell volume of the alloys after the synthesis (Table 2), with the Alloy 1 possessing the 

smallest and the Alloy 3 the largest. The significant effect of C14 Laves phase unit cell 
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volume on the thermodynamics of the AB2 type alloys has been studied [38], [39] and it was 

revealed that there is a less favourable thermodynamic for hydride formation as the C14 

Laves phase unit cell volume is reduced. In fact, thermodynamic properties of the Ti-Mn 

based alloys could be tuned for specific applications by altering the C14 Laves phase unit cell 

volumes through the modification of Ti and Mn content of the alloys [18], [9], [35], [40], 

[41]. Also, the level of hysteresis seems to decrease from the Alloy 1 to the Alloy 3, whilst 

plateau slope increases. Although compositional modification seems to be an effective 

method to reduce the plateau slope in Ti-Mn base alloys, the level of hysteresis seemed to 

be mainly dictated by the thermodynamics of the alloy.  

3.2 Cycled alloys 

A typical cyclic measurement and the cyclic stability of the alloys under hydrogen are 

shown in Fig 6a and b. All the alloys were cycled under hydrogen between 0 and 70 bar 

whilst monitoring changes in the thermal profile of the samples showing exo/endotherms 

for hy/dehydrogenation respectively (Fig.6a). In-situ hydrogen capacity measurements were 

performed at specific points by disrupting the cyclic measurements (Fig 6b). The hydrogen 

capacity of the Alloy 1 appears to be stable until 250 cycles, where it slowly starts to 

decrease (about 9 %) until 650 cycles and then becomes stable again up to over 1000 cycles. 

In contrast, Alloys 2 and 3 show a progressive reduction in their hydrogen capacity until the 

alloys fail to hydrogenate after 970 and 500 cycles respectively. Hydrogen capacity recovery 

was performed at the end of the cyclic measurements by heat treating the alloys under 1 

bar hydrogen at 350 °C for 24 h. It seems that hydrogen capacity can be fully recovered for 

the Alloys 1 and 2, whereas the Alloy 3 only regains about 80 % of its original hydrogen 

capacity (Fig. 6b).  
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The XRD patterns of the cycled alloys are given in Fig. 2b, 3b and 4b. Alloy 1 preserves it’s 

C14 Laves phase structure after the cycling (Fig. 2b), and the formation of any new phase/s 

cannot be observed. However, XRD patterns of the Alloys 2 and 3 signify the formation of 

stable TiMn2 hydride phase along with their original C14 Laves phase (Fig 3b and 4b). The 

XRD patterns of the alloys after hydrogen capacity recovery (heat treated at 350 °C and 1 

bar H2) are given in Fig. 2c, 3c and 4c, indicating only the existence of C14 Laves phase. 

Structural refinement results in Table 2 provides a phase abundance of the hydrogen cycled 

and heat treated alloys. Whilst, Alloy 1 is entirely composed of C14 Laves phase, Alloys 2 

and 3 show the formation of approximately 13.5 % and 72.7 % of stable TiMn2 hydride 

phase respectively, along with their remaining C14 Laves phase. Nevertheless, the structures 

of the Alloys 2 and 3 can be fully reverted to the C14 Laves phase after the heat treatment 

(Fig. 3c and 4c). 

The lattice parameters and the C14 Laves phase unit cell volume of the alloys after cycling 

and heat treatment are also listed in Table 2. The lattice parameters and therefore C14 

Laves phase cell volume increase in all the alloys after hydrogen cycling. However, Alloy 1 

shows the least volume expansion of 0.17 % compared to the much larger volume 

expansions of 2.32 % in the Alloy 2 and 3.65 % in the Alloy 3. It seems that the volume 

expansion of C14 Laves phase remains to some extent in the Alloys 2 (0.42 %) and 3 (0.5 %) 

after the heat treatment, despite their full dehydrogenation as showed by XRD patterns in 

Fig. 3c and 4c. Minimal changes in the C14 unit cell volume of the Alloy 1 denotes a higher 

structural stability and the least changes in hydrogenation characteristics of the Alloy1 

during hydrogen cycling.  

XRD pattern of the C14 Laves phase in all the alloys also shows peak broadening after the 

hydrogen cycling. In general, XRD peak broadening after the hydrogen cycling can be 
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attributed to a decrease in crytalline size and/or generation of heterogeneous strain [12], 

[21]. High density dislocation formation as a result of lattice parameters mismatch of the 

hydride phase and the alloy and retained hydrogen are proposed as the origin of 

heterogeneous strain during the cycling [20], [25], [27]. Crystalline size and the 

heterogeneous strain induced during the cycling can be estimated from Hall’s method [20], 

[42]:  

     

 
   

    

 
 
 

 
 (1) 

Where   is the Full Width at Half Maximum Intensity (FWHMI),   is the peak postion,   is 

the wavelength of the x-ray (0.15405 nm),   is the hetrogeneous strain and   is the 

crytalline size. Crystalline size and heterogeneous strain of the alloys were estimated from 

Eq. (1) and are listed in Table 2. The crystalline size for all the alloys decreases after the 

cycling and some limited regrowth in the crystalline size seems to occur after the heat 

treratment. Heterogeneous strain increases in all the alloys after the cycling but its 

magnitude is lowest for the Alloy 1 (given by stress ratio in Table 2) and highest for the Alloy 

3. In addition, heat treatment seems to almost fully relief the heterogeneous strain in the 

Alloys 1 and 2, but the remained heterogeneous strain in the Alloy 3 is almost double the 

value of this alloy after the synthesis.  

4. Discussion 

The observed unique cycling behaviour for each of the studied alloys signifies the 

important role of the alloy composition and structure on the cyclic lifetime. Although a 

relatively stable cyclic performance was reported for AB2 type hydrides [21]–[24], The alloy 

composition seems to critically impact the cyclic property of the alloy. Here, the inherent 

properties of the alloys appear to be influenced as a result of a subtle change in the 

composition of the alloy. Degradation in cyclic stability of the studied alloys could be 
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occurred via pulverisation and/or phase disproportionation. The estimated crystalline size in 

Table 2, indicated a limited and nearly similar reduction in the crystalline size for all the 

alloys. Hence, the observed difference in the cyclic stability of the alloys is less likely to 

originate from the pulverisation. On the other hand, phase disproportionation could be seen 

in the Alloys 2 and 3 leading to the formation of stable hydride phase. In fact, it has been 

suggested that microstructural inhomogeneity as a result of changes in the alloys 

stoichiometry could potentially lead to disproportionation through the formation of stable 

hydride phases [27].  

Dehydrogenation of the studied alloys was also investigated by TG-MS in Fig. 7. 

Surprisingly, hydrogen is also desorbed from the Alloy 1 (Fig. 7a), despite the lack of stable 

hydride phase after the cycling in this alloy (Fig.2b). TG curve of the Alloy 1 in Fig. 7b shows 

that the amount of released hydrogen is almost 0.1 wt %, which is close to the observed 

capacity loss of about 0.15 wt % at the end of the cycling (Fig. 6b). Although the proportion 

of the stable hydride phase in the Alloy 3 was higher compared to the Alloy 2 after the 

hydrogen cycling (Table 2), the amount of released hydrogen from the Alloy 2 (~0.4 wt %) is 

approximately twice the amount of hydrogen released from the Alloy 3 (~ 0.2 wt %) in Fig. 

7b. In addition, TG curves in Fig. 7b indicates that hydrogen is more loosely retained in the 

Alloys 1 and 2 as the dehydrogenation starts at around 180 °C compared to 300 °C for the 

Alloy 3.  

The TG-MS data clearly indicate the effect of the retained hydrogen for capacity loss during 

the cycling. In fact, structural changes and deviation of Mn atomic position as a function of 

C14 Laves phase composition in Ti-Mn based alloys were observed [21] during hydrogen 

cycling. This could result in retained hydrogen inside the Laves phase which its scale 

gradually increased during the hydrogen cycling. The retained hydrogen was accompanied 
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by heterogeneous strain and lattice expansion and its attenuating effect on hydrogen 

capacity was reported [18], [11], [25]. Hence, it seems that retained hydrogen, which is 

accompanied by a small increase in the lattice constants and C14 Laves phase volume, is the 

primary reason for the observed loss of hydrogen capacity in the Alloy 1. Nevertheless, 

hyper-stoichiometry of the Alloy 1 and its smaller C14 Laves phase cell volume seems to 

infer a higher cyclic stability at the beginning of the hydrogen cycling. Gradual changes in 

the C14 Laves phase structure (as evident from its lattice parameters and the cell volume) 

may lead to an increasing level of retained hydrogen that becomes noticeable between 250 

to 650 cycles. Despite, the hydrogen interaction with the studied alloys during the cycling 

appears to be changing according to the alloys stoichiometry. Formation of stable hydride 

phase was observed in both Alloys 2 and 3 with lower B/A ratio (1.97 and 1.82 respectively) 

compared to the Alloy 1 (2.19) after the hydrogen cycling. Extended compositional 

homogeneity range in C14 Laves phase implies considerable changes in certain atomic and 

interstitial site occupation may occur as a result of changes in the composition of the alloy. 

Compositional changes may encourage the formation of interstitial sites with different local 

chemical environments. For example, the introduction of Ti into the B sites can create a 

series of interstitial sites rich in Ti, showing different affinities to hydrogen [43]. It was 

shown that [44] the excess Ti atoms in Ti1.2Mn1.8 alloy occupy one of the Mn atomic 

positions, preferably 2a sites, leading to the formation of the Ti3Mn interstitial site with high 

hydrogen affinity. Increasing the Ti content in the multicomponent alloys were also noted to 

enhance the alloy-hydrogen interaction [13]. The hydrogenation plateau pressures of the 

studied alloys lowered as the B/A ratio decreased (Fig. 5 and Table 1), indicating a more 

favourable thermodynamic for hydride formation. This was reflected in the higher phase 

abundance of the formed stable hydrides in the Alloys 3 (72.7 %) compared to the Alloy 2 
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(13.5 %), in accordance with their Ti content. However, a higher amount of hydrogen 

desorbed from the Alloy 2 compared to the Alloy 3 after the hydrogen cycling (Fig. 7b) may 

also be attributed to the contribution of retained hydrogen in the lattice rather than just 

dehydrogenation of the stable hydride phase. This can be corroborated by the similar 

dehydrogenation onset temperature (~ 180 °C) of the Alloy 2 to the Alloy 1 with no sign of 

stable hydride formation after the hydrogen cycling. In contrast, dehydrogenation of the 

Alloy 3 starts at a higher temperature (~ 300 °C) which may be entirely attributed to the 

dehydrogenation of the stable hydride phase observed after the hydrogen cycling. It is 

worth mentioning that the level of the hydrogen released from the Alloy 2 and especially 

Alloy 3 with a higher hydride phase abundance is well below the observed maximum 

hydrogen capacity of the alloys (~ 1.7 wt %). This may suggest that the stable hydrides are 

predominantly formed on the surface of the alloys, which could kinetically inhibit 

hy/dehydrogenation of the alloys at the studied experimental conditions. 

Also, it was shown in Fig. 6b that the hydrogen capacity could be only fully recovered in the 

Alloys 1 and 2 after the heat treatment. Although heat treatment completely reverts the 

structure of the Alloys 2 and 3 to C14 Laves phase (Table 2), the volume expansion of the 

Alloys 2 and 3 remains at 0.42 % and 0.5 % respectively. Furthermore, unlike the Alloy 2 

which its volume expansion does not lead to an increased heterogeneous strain ratio, the 

volume expansion in the Alloy 3 is accompanied by a higher heterogeneous strain ratio 

compared to this alloy after the synthesis. This may be explained by the variation of c/a 

ratio of the C14 Laves phase as given in Table 2. The c/a ratio of the Alloy 2 after heat 

treatment is almost similar to the original value after the synthesis. In contrast, the c/a ratio 

of the Alloy 3 after the heat treatment is considerably smaller compared to its value after 

the synthesis, denoting a non-uniform hexagonal cell expansion along the a axis. It is known 
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that [45] C14 Laves phase can be permanently deformed as a result of variation in its lattice 

parameters when interacting with hydrogen. It may be suggested that the higher level of 

hydride formed in the Alloy 3 deformed the C14 laves phase structure (e.g. by escalated 

dislocation density). Hence, the observed structural changes in the Alloy 3 may be 

responsible for the lack of full hydrogen capacity recovery after the heat treatment.  

Overall, the observed loss of capacity during hydrogen cycling in the studied alloys appears 

to be a dynamic process, dominated by the alloy stoichiometry. Nevertheless, the cyclic 

stability of the alloys, particularly those with low hydrogenation plateau pressure, may be 

extended by tuning the experimental condition.  

5. Conclusions 

The effects of small stoichiometric changes on the microstructure, hydrogenation 

characteristics and particularly cyclic stability of the Ti-Mn based multicomponent alloys 

were investigated. The microstructure of hyper-stoichiometry (Alloy 1), stoichiometry (Alloy 

2) and hypo-stoichiometry alloys featured a main C14 Laves phase accompanied by small 

secondary phases with considerably higher Ti contents. The hydrogenation characteristics of 

the alloys changed with respects to the alloys stoichiometry. Lowering B/A ratio reduced the 

hydrogenation plateau pressure. Cyclic stabilities of the alloys under high purity hydrogen 

were studied and hyper-stoichiometric alloy showed only about 9 % reduction in its 

hydrogen storage capacity after 1000 cycles as opposed to the full hydrogen capacity loss 

after about 950 cycles in the stoichiometry and about 500 cycles in the hypo-stoichiometry 

alloys. The loss of hydrogen capacity seemed to be caused by the retained hydrogen in C14 

Laves phase lattice and/or the formation of stable hydride phase. However, this is a dynamic 

mechanism which suggested to be mainly determined by the composition of the alloy and 

to a lower extent by the experimental conditions, especially for the alloys with low 
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hydrogenation plateau pressures. Nevertheless, hydride formation during the cycling may 

cause levels of irreversible hydrogen capacity loss by gradually degrading the C14 Laves 

phase structure.  
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8. Figures 

 

Figure 1: SEM Images of cross section of the (1) Alloy 1, (2) Alloy 2 and (3) Alloy 3 after 

synthesis. Various phases are shown by (a) the matrix phase, (b) the grey phase and (c) the 

dark phase. 
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Figure 2: XRD patterns of the Alloy 1 (a) after synthesis (b) after hydrogen cycling (c) after 

heat treating of the cycled sample at 350 °C and 1 bar H2.  
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Figure 3: XRD patterns of the Alloy 2 (a) after synthesis (b) after hydrogen cycling (c) after 

heat treating of the cycled sample at 350 °C and 1 bar H2.  

20 30 40 50 60 70 80 90

 

 






2deg.)

 

 






 

 

 

  









 

 

(b)  

  

C14              TiMn
2
H

3
        

A
3
B

3
O          





















 

(a)

 

In
te

ns
ity

 (
a.

u.
)

 

  
















 

(c)

 

 

 

 






 

Figure 4: XRD patterns of the Alloy 3 (a) after synthesis (b) after hydrogen cycling (c) after 

heat treating of the cycled sample at 350 °C and 1 bar H2.  
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Figure 5: Room temperature PCI curves of the (a) Alloy 1 (b) Alloy 2 (c) Alloy 3 
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Figure 6: (a) Shows a few typical room temperature hydrogen cycles of the alloys. 

Complete hydrogenation and dehydrogenation are considered as a cycle, accompanied by 

exo/endothermic heat profile of the sample. (b) Shows in-situ measured changes in the 

hydrogen capacity of the alloys as a function of hydrogen cycles (solid lines are guide to the 

eye). R indicates the recovered hydrogen capacity of the cycled samples after the heat 

treatment at 350 °C and 1 bar H2.  
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Figure 7: Thermal dehydrogenation profiles of the alloys after the hydrogen cycling. (a) 

Mass spectra (b) TG curves of the alloys.   

9. Tables 

Table 1: EDS compositional analysis for various phases of the alloys after synthesis (EDS 

errors within ±1 at. %) 

Sample 
EDS composition (at.%) 

B:A 
atomic 
ratio  

Alloy 1–matrix 
phase 

Ti30.6V16.4Mn48.7(Zr0.7Cr0.8Fe2.8) 2.19 

Alloy 1-grey 
phase 

Ti41V15.3Mn39.3(Zr1.5Cr0.4Fe2.5) 1.35 

Alloy 1-dark 
phase 

Ti54V10.9Mn29.6(Zr3.6Cr0.4Fe1.5) 0.74 

Alloy 2-matrix 
phase 

Ti32.8V15.1Mn47.1(Zr0.9Cr1.2Fe2.9) 1.97 

Alloy 2-grey 
phase 

Ti41.5V13Mn41.1(Zr0.7Cr0.7Fe3) 1.36 

Alloy 2-dark 
phase 

Ti65.9V9.2Mn22.6(Zr0.6Cr0.2Fe1.5) 0.5 

Alloy 3-matrix 
phase 

Ti34.5V15.4Mn44.7(Zr0.9Cr1.3Fe3.2) 1.82 

Alloy 3- grey 
phase 

Ti44V18.3Mn34.3(Zr0.5Cr0.5Fe2.4) 1.24 

Alloy 3-dark 
phase 

Ti88V4.1Mn6.9(Zr0.6Cr0.1Fe0.3) 0.12 
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Table 2: Phase abundance, lattice parameters and the C14 unit cell volumes of the alloys after synthesis (AS), after the cycling (C) and after 

the heat treating (HT), estimated by Rietveld refinement method. Included are also the crystalline size and heterogeneous strain of the alloys 

estimated by Hall’s method.   

Sample 
Phase abundance (%) 

Mid 
plateau 
pressure 

(bar)* 

a (nm) c (nm) c/a 
C14 cell 

volume (nm
3
) 

Volume 
expansion** 

(%) 

Crystalli
ne size 
(nm) 

Strain 
Strain 

ratio*** 
C14 FCC 

TiMn
Hx 

Alloy 1 - 
AS 

~99 ~1 - 
Hy:39.5 

Dehy:20.2 

 
0.4865 

 

 
0.7977 

 

1.6396 0.1635 - 45.8 0.0049 - 

Alloy 1 - C 100    0.4868 0.7980 1.6392 0.1638 0.17 29.5 0.0058 1.18 

Alloy 1 - 
HT 

100    0.4866 0.7979 1.6397 0.1636 0.09 31.07 0.0008 0.16 

Alloy 2 - 
AS 

92.3 7.7  
Hy:26.2 

Dehy:14.5 
0.4871 0.7984 1.6390 0.1640 - 39.7 0.0127 - 

Alloy 2 - C 86.5  13.5  0.4908 0.8047 1.6395 0.1679 2.32 21.2 0.0190 1.49 

Alloy 2 - 
HT 

100    0.4878 0.7996 1.6391 0.1647 0.42 33.06 0.0009 0.07 

Alloy 3 - 
AS 

100   
Hy:11 

Dehy:6.7 
0.4879 0.7999 1.6394 0.1649 - 38.09 0.006 - 

Alloy 3 - C 27.3  72.7  0.4936 0.8101 1.6412 0.1709 3.65 25.6 0.0202 3.37 

Alloy 3 - 
HT 

100    0.4889 0.8007 1.6377 0.1657 0.5 27.9 0.0113 1.9 

* Hy: hydrogenation, Dehy: dehydrogenation. 

** C14 cell volume expansion compared to the cell volume of the alloy after synthesis. 

*** Heterogeneous strain compared to the heterogeneous strain of the alloy after synthesis.  
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Abstract 

Intermetallic alloys such as AB, AB2, and AB5 type have been studied as a form of due to 

their capability to reversibly store hydrogen. storage. These aAlloys exhibit varying hydrogen 

storage properties depending on the crystal structure and composition. Compositional 

modification is commonly known as an effective method to modify the alloys 

thermodynamic and kinetics for various applications such as metal hydride batteries, metal 

hydrides hydrogen storage and compression. However, the effects of the compositional 

modification on the cyclic stability of these alloys are not usually well studied.  

Here, the hydrogen cyclingc stabilities of Ti-Mn based alloys with C14 type structure are 

studied. Hyper-stoichiometry, stoichiometry and hypo-stoichiometry alloys were prepared 

accordingly: Ti30.6V16.4Mn48.7 (Zr0.7Cr0.8Fe2.8) (B/A=2.19), Ti32.8V15.1Mn47.1 (Zr0.9Cr1.2Fe2.9) 

(B/A=1.97) and Ti34.5V15.4Mn44.7 (Zr0.9Cr1.3Fe3.2) (B/A=1.87). Whilst the hyper-stoichiometry 

alloy showed almost a stable (about 9 % capacity reduction) hydrogen capacity after 1000 

cycles of hydrogenation and dehydrogenation ab/desorption, the stoichiometry and hypo-

stoichiometry alloys failed to absorb hydrogenate after about 950 and 500 cycles 

respectively. Heterogeneous strain and crystallite size of the alloys were calculated from the 

XRD pattern of the alloys after cyclic measurements. A limited reduction in the calculated 

crystalline size of the alloys was observed before and after the hydrogen cycling, denoting 

that pulverisation plays a less significant role on the observed hydrogen capacity loss. 

Only limited reduction in the crystalline size was observed, denoting pulverisation plays a 

less significant role on the observed hydrogen capacity loss. In addition, a reduction in the 

B/A ratio from 2.19 to 1.82 (hyper to hypo-stoichiometry) encouraged the formation of 

more stable hydride and a higher level of heterogeneous lattice strain. Whilst a small loss of 

hydrogen capacity (9%) in the hyper-stoichiometry alloy was attributed to the trapped 

hydrogen, the complete loss of hydrogen capacity in the stoichiometry and hypo-

stoichiometry alloys seemed to originate from the formation of stable hydride and the 

lattice distortion.  

hydride formation was only observed as the B/A ratio lowered which was accompanied by 

an increased level of heterogeneous strain. It seems that the loss of hydrogen capacity is 

mainly controlled by the level of retained hydrogen in the alloys interstitial sites and the 

hydride formation. Whilst accelerated loss in hydrogen capacity at lower B/A ratio may be 
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attributed to the hydride formation and the lattice distortion, a limited loss of hydrogen 

capacity at higher B/A ratio is mainly due to the trapped hydrogen.  

 

Keywords: Metal hydrides, Ti-Mn based alloys, C14 Laves phase, hydrogen cycling 

1. Introduction 

The reversible reaction of some solid-state materials and hydrogen can offer a viable route 

to safely store, compress and transport hydrogen in a compact way [1], [2]. There are 

several metals and alloys capable to form hydrides at a range of pressures and temperatures 

[1]. Unlike ionic and covalent hydrides with a fixed composition, metal hydrides 

demonstrate high versatility in their composition, hence interesting materials for various 

applications [2], [3]. In particular, intermetallic compounds are promising materials for 

hydrogen storage due to their highly tunable properties. However, the stoichiometry of the 

intermetallic compound and therefore their crystal structure seems to dictate their 

hydrogen storage properties [2].  

AB2 intermetallic alloys based on the Laves phase crystal structures of cubic C15 (prototype 

MgCu2, Pearson cF24 and space group Fd-3m) or hexagonal C14 (prototype MgZn2, Pearson 

hP12, space group p63/mmc) have been studied for hydrogen storage [4]–[6]. Extended 

compositional homogeneity range can be offered by the Laves phase structure as a result of 

the vacancy formation, substitution of sub-stoichiometric atom positions by super- 

stoichiometric atoms in the structure and occupation of interstitial sites by super- 

stoichiometric atoms. [7], [8]. In addition, A and B elements can be easily replaced by 

additional alloying elements in most Lavas Laves phases [9], hence facilitating the 

modification of hydrogen storage properties of AB2 intermetallic alloys. 

Laves phase Ti-Mn based alloys are appealing hydrogen storage materials due to their 

acceptable hydrogen capacity at room temperature (~2wt%, suitable for stationary 
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applications), fast hydrogen absorption ation and desorption dehydrogenation kinetics, 

good cyclic stability, easy activation and a relatively low cost [10], [11]. However, the alloys 

composition and the type of substitutional elements can have a substantial effect on the 

hydrogen storage characteristics of the alloy. For instance, it was noted that hydrogen 

capacity and the cyclic stability of the alloy can be improved by increasing the volume 

fraction of TiMn2 phase via keeping the Ti content of the alloy at an optimum level [12], 

[13]. The compositional dependent hydrogen storage properties have also led to numerous 

efforts for tuning the thermodynamic and kinetics of the Ti-Mn based alloys for specific 

applications by partially substituting A and B atoms with transitional metals [10], [14]–[17] 

[10], [14]–[18]. Nevertheless, besides the thermodynamic and kinetics improvements, other 

factors such as cyclic stability and sensitivity to gas impurities play an important role in the 

effective development of these alloys.  

The effect of the pressure induced hy/dehydrogenation ab/desorption cycling on the 

performance of the TiMn1.5, Ti0.8Zr0.2Mn1.2Mo0.1 and Ti0.9Zr0.1Mn1.4Cr0.4V0.2 alloys were 

investigated [19]. The hydrogen capacity of the binary and multicomponent alloys were 

reduced by 30 % and 20 % respectively, after about 10000 cycles. Although cycling imposed 

lattice distortion, no stable hydride phase or phase disproportionation could be identified. 

The hydrogen capacity reduction was rather related to the surface poisoning by impurity 

gases. In another study [20], a large reduction in the hydrogen capacity of the TiMn2 

(Ti40Mn60 at. %) alloy almost halved (0.59 H/M to 0.3 H/M)occurred after only 31 cycles. In 

this case, degradation in hydrogen capacity was attributed to the formation of stable Ti-H 

phase and retained hydrogen in interstitial sites accompanied by increasing lattice 

expansion and heterogeneous strain as a function of cycles. Yet, the hydrogen capacity in 

this alloy could be almost fully recovered by appropriate heating the alloy at 400 °C for 1 h 
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under argon. treatment. Compositional and structural changes in the C14 Laves phase were 

also held responsible for the loss of hydrogen capacity in Ti-Mn based alloys during cycling 

[21]. Whilst Ti40Mn60 alloy retained almost its full hydrogen capacity after 30 cycles, a slight 

change in the C14 Laves phase composition and therefore atomic site occupancy in the 

Ti39Mn61 (at. %) alloy could drastically decrease the cyclic stability.  

The cyclic properties and effects of impurities in the gas stream on the hyper-stoichiometry 

Ti0.98Zr0.2V0.43Fe0.09Cr0.05Mn1.5 alloy were investigated [22] and only a limited degradation 

(less than 5 %) in the hydrogen capacity of the alloy was observed after 2000 cycles under 

high purity hydrogen (99.999%). However, the effects of gas impurities were distinct as N2 

and CH4 only reduced the hydrogen absorptionation kinetic, whereas O2, CO, CO2 and H2O 

reduced the hydrogen capacity and cyclic stability of the alloy. It was especially noted that if 

O2 presents higher than 0.03 wt % in the alloys, it can be detrimental toon the formation of 

homogeneous microstructure of the Laves phase. Furthermore, long-term cyclic stability of 

the same alloy was studied under hydrogen (99.999 %) and no degradation in hydrogen 

capacity of the alloy was reported after 42400 cycles [23]. Cyclic stability of the 

Ti0.98Zr0.2V0.43Fe0.09Cr0.05Mn1.5 alloy was also examined [24] after fabrication synthesising 

with low-cost and low purity FeV and Ti sponge and only a limited reduction in hydrogen 

capacity occurred after 1000 cycles, similar to the alloy made from the high purity elements. 

Nevertheless, the importance of microstructural homogeneity to maintain the cyclic stability 

of AB2 alloys is well established [12], [25]–[27].  

Hence, it seems that the cyclic stability of Ti-Mn based alloys is controlled by the inherent 

properties of the alloys as well as the external factors. For example, thermodynamic 

preference of most intermetallic hydrides to form a stable elemental hydride can lead to a 

phase disproportionation and therefore reduced cyclic stability [28]. In the meantime, the 
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effect of experimental conditions such as hydrogen gas purity, temperature range, cycling 

repetition time, gas pressure and alloy’s handling [29] are equally important on the cyclic 

lifetime of the alloys. Evaluation of the alloys cyclic lifetime may become challenging if the 

above factors are not examined systematically. In fact, most of the Laves phase AB2 

(particularly Ti-Mn based) alloys have been developed by compositional and structural 

modification for specific applications with limited attention to the cyclic stability of these 

alloys. Here, weThis work studiesy the effect of alloy’s stoichiometry on the cyclic stability of 

Ti-Mn based alloys under a similar experimental condition. The responsible mechanisms for 

hydrogen capacity loss and their relationship to the composition of alloys are investigated.  

2. Experimental details 

Three (hypo-stoichiometry, stoichiometry and hyper-stoichiometry) alloys were fabricated 

synthesised from elements. Elemental Ti (sponge, 99.95%), V (pieces, 99.7%), Mn (pieces, 

99.9%), Zr (sponge 99.5%), Cr (pieces, 99.995%), Fe (pieces, 99.99%) and Ni (powder, 99 %) 

were purchased from Alfa Aesar. Alloys were pressed into pellets using an ATLAS automatic 

uniaxial press to produce a 2 g charge before fabrication synthesising by arc melting on a 

water-cooled copper crucible in an argon atmosphere. Remnant oxygen in the arc melting 

chamber was removed by melting a sacrificial oxygen getter before melting the alloys. The 

arc melting current was kept at 50 A to minimise the risk of losing elements during the arc 

strike. Each alloy was rotated and melted at least three times to ensure the homogeneity. No 

heat treatment was performed on the fabricated synthesised alloys and they were crushed 

to a particle size of less than 50 µm and kept inside an argon filled glove box.. 

Alloys microstructure and composition were analysed by a Joel 6060 Scanning Electron 

Microscope (SEM) equipped with an INCA 300 Energy Dispersive Spectrometer (EDS). Alloys 

were mounted in Bakelite and polished with silicon carbide papers before final polishing 
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with OPA 1/4 micron suspension. Samples were cleaned using Acetone in a fume cupboard 

and dried with an electric hot air gun to avoid oxidisation and surface pitting. 

Room temperature X-Ray Diffraction (XRD) measurements were performed using a Bruker 

D8‒Advanced diffractometer with monochromatic CuKα radiation (λ = 1.54056 Å). The XRD 

data was refined via a pseudo‒Rietveld method with TOPAS Academic software [30] using 

published crystallographic information files (.cif) obtained from the Inorganic Crystal Systems 

Database [31].  

Alloys were activated in-situ before Pressure Compositional Isotherm (PCI) measurement 

by heating the alloy to 300 °C and then admitting 100 bar H2. Alloys were kept at this 

pressure for 4 h whilst cooling down to room temperature and vacuumed to approximately 

10-6 mbar at the end of the sequence. The activation process was repeated at least three 

times for each sample to ensure a full activation. A volumetric Sieverts-type system (Hiden 

Isochema HTPS-2) was used for PCI measurements under high purity hydrogen (Air Products; 

BIP-Plus Hydrogen 99.99996 %). Before measurements, the sample volume was determined by 

helium pycnometry. PCI Measurements were performed between 0 and 100 bar H2 at room 

temperature. Measurements were performed with a minimum holding time of 20 minutes to 

ensure no kinetic limitation for hy/dehydrogenation. 

Room temperature cyclic hydrogen ab/desorption ation and dehydrogenation 

measurements was were performed on the activated alloys between 0 and 70 bar H2 

pressure (Air Products; BIP-Plus Hydrogen 99.99996 %) with a keeping time of 10 min at 

each pressure using another volumetric Sieverts-type system built by the Hydrogen 

Materials Group at the University of Birmingham. Sample temperature was monitored with 

a K-type thermocouple, directly in contact with the sample. Pressure transmitters 

(Maximum pressure of 200 bar) with an accuracy of ±0.25% were used to monitor changes 
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in the hydrogen pressure during hydrogen cycling.  The cycled alloys were examined by XRD, 

Differential Scanning Calorimetry (Netzsch DSC 204 HP) and Thermal Gravimetric Analysis 

(Netzsch TG 209) coupled with a Hidden Analytical HAL IV Mass Spectrometry (MS). 

Approximately 30 mg of each alloy was loaded into TG/DSC and a heating rate of 2 °C/min 

and an Ar flow of 100 mL/min was applied. 

3. Results 

3.1 Synthesised alloys 

Elemental composition of the alloys was analysed by EDS and the results are given in Table 

1. In addition, SEM micrographs of the alloys after fabrication synthesise are shown in Fig. 1. 

All the alloys can be characterised by a dominant matrix phase which is accompanied by 

minor grey and dark phases. Formation of the minority phases with different morphology in 

Ti-Mn based alloys have been reported [14], [15], [17], [21] whichand it seems to be 

controlled by the Ti and Mn content of the alloys. Elemental composition of the alloys was 

analysed by EDS and the results are given in Table 1. EDS results in Table 1 also indicate that 

all the alloys contain a small amount of other substitutional elements for A (Zr) and B (V, Fe, 

Cr) sites, which their quantitiesy is more or less similar in alldo not significantly vary in the 

matrix phase of the alloys. However, the compositional analysis of the matrix phase shows a 

trend that is a reduction in Mn content and an increase in the Ti content from Alloy 1 to 

Alloy 3of the alloys. As a result, a distinct B/A atomic ratio for each alloy can be seen in 

Table 1, leading to the formation of ng hyper- stoichiometry (Alloy 1), stoichiometry (Alloy 

2) and hypo- stoichiometry (Alloy 3) alloys. The elemental composition of the minor grey 

and dark phases are also included in Table 1, revealing a higher Ti content at theise regions, 

which is comparable to the previous studies [10], [14], [21]. Elemental composition of the 

grey phase shows a very close Ti and Mn content for all the alloys, hence denoting the 
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possible formation of TiMn phase. The volume fraction of the TiMn phase may be increased 

by decreasing the Mn content of the alloy. However, the formation of TiMn phase is not 

desireable as the hydrogen absorbed in this phase can be hardly desorbed [21]. The Ti 

content of the dark phase also seems to be significantly higher than the matrix phase, which 

can potentially lead to the formation of stable Ti-H phase during the cycling. The 

compositional variation in the grey and dark phases are also reflected by a significant 

reduction in their respecting B/A atomic ratio.  

The XRD patterns for the Alloys 1, 2 and 3 after fabrication synthesise are given in Fig. 2a, 

3a and 4a respectively. All the alloys contain TiMn2 phase with a C14 Laves phase structure 

and no minority phases can be detected. The XRD patterns of the Alloy 1 and 2 also show 

the existence of ɳ-carbide type oxide A3B3O phase (FCC structure) [32], [33], where A=Ti and 

Zr and B=Mn and V. Rietveld refinement results in Table 2 provides a phase abundance of 

FCC oxide phase as approximately 1 % and 7.7 % for the Alloy 1 and 2 respectively, whilst 

the Alloy 3 seems to be fully composed of C14 Laves phase. The oxide phase formation is 

mainly related to the alloys synthesis and handling processes, hence all the alloys were 

stored under an inert atmosphere to avoid a possible increase in the oxide content. In 

addition, the substitutional elements observed by EDS analysis in Table 1, could not 

encourage the formation of any new phases in the alloys. The capability of substitutional 

elements to occupy the atomic crystallographic positions of typical primary phase 

constituents creates a large structural homogeneity region in the C14 Laves phase [9], [34], 

[35]. This offers the opportunity to improve the hydrogen storage characteristics of the C14 

Laves phase by partial elemental substitution [6], [36], [37].  

Room temperature hy/dehydrogen ab/desorption ation PCI curves of the alloys are shown 

in Fig. 5. All the alloys show a single plateau for hy/dehydrogen ab/desorption ation with a 
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very similar maximum hydrogen capacity of approximately 1.7 %. The (mid) plateau 

pressures are highest for the Alloy 1 and lowest for the Alloy 3 (Table 2). The relationship is 

reversed in terms of C14 Laves phase unit cell volume of the alloys after the fabrication 

synthesis (Table 2), with the Alloy 1 possessing the smallest and the Alloy 3 the largest. The 

significant effect of C14 Laves phase unit cell volume on the thermodynamics of the AB2 

type alloys has been studied [38], [39] and it was revealed that there is a less favourable 

thermodynamic for hydride formation as the C14 Laves phase unit cell volume is reduced. In 

fact, thermodynamic properties of the Ti-Mn based alloys could be tuned for specific 

applications by altering the C14 Laves phase unit cell volumes through the modification of Ti 

and Mn content of the alloys [18] we previously showed [39] the important role of the C14 

Laves phase unit cell volumes for tuning the thermodynamic properties of the Ti-Mn based 

alloys for specific applications, which could be primarily achieved by altering the Ti/Mn 

content of the alloys [9], [35], [40], [41]. Also, the level of hysteresis seems to decrease from 

the Alloy 1 to the Alloy 3, whilst plateau slope increases. Although compositional 

modification was identified [41] asseems to be an effective method to reduce the plateau 

slope in Ti-Mn base alloys, the level of hysteresis seemed to be mainly dictated by the 

thermodynamics of the alloy.  

3.2 Cycled alloys 

A typical cyclic measurement and the cyclic stability of the alloys under hydrogen are 

shown in Fig 6a and b. All the alloys were cycled under hydrogen between 0 and 70 bar 

whilst monitoring changes in the thermal profile of the samples showing exo/endotherms 

for hy/dehydrogenation respectively ab/desorption (Fig.6a). In-situ hydrogen capacity 

measurements were performed at specific points by disrupting the cyclic measurements (Fig 

6b). The hydrogen capacity of the Alloy 1 appears to be stable until 250 cycles, where it 
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slowly starts to decrease (about 9 %) until 650 cycles and then becomes stable again up to 

over 1000 cycles. In contrast, Alloys 2 and 3 show a progressive reduction in their hydrogen 

capacity until the alloys fail to hydrogen absorption ate is ceased after 970 and 500 cycles 

respectively. Hydrogen capacity recovery was performed at the end of the cyclic 

measurements by heat treating the alloys under 1 bar hydrogen at 350 °C for 24 h. It seems 

that hydrogen capacity can be fully recovered for the Alloys 1 and 2, whereas the Alloy 3 

only regains about 80 % of its original hydrogen capacity (Fig. 6b).  

The XRD patterns of the cycled alloys are given in Fig. 2b, 3b and 4b. Alloy 1 preserves it’s 

C14 Laves phase structure after the cycling (Fig. 2b), and the formation of any new phase/s 

cannot be observed. However, XRD patterns of the Alloys 2 and 3 signify the formation of 

stable TiMn2 hydride phase along with their original C14 Laves phase (Fig 3b and 4b). The 

XRD patterns of the alloys after hydrogen capacity recovery (heat treated at 350 °C and 1 

bar H2) are given in Fig. 2c, 3c and 4c, indicating only the existence of C14 Laves phase. 

Structural refinement results in Table 2 provides a phase abundance of the hydrogen cycled 

and heat treated alloys. Whilst, Alloy 1 is entirely composed of C14 Laves phase, Alloys 2 

and 3 show the formation of approximately 13.5 % and 72.7 % of stable TiMn2 hydride 

phase respectively, along with their remaining C14 Laves phase. Nevertheless, the structures 

of the Alloys 2 and 3 can be fully reverted to the C14 Laves phase after the heat treatment 

(Fig. 3c and 4c). 

The lattice parameters and the C14 Laves phase unit cell volume of the alloys after cycling 

and heat treatment are also listed in Table 2. The lattice parameters and therefore C14 

Laves phase cell volume increase in all the alloys after hydrogen cycling. However, Alloy 1 

shows the least volume expansion of 0.17 % compared to the much larger volume 

expansions of 2.32 % in the Alloy 2 and 3.65 % in the Alloy 3. It seems that the volume 
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expansions of C14 Laves phase remains to some extent in the Alloys 2 (0.42 %) and 3 (0.5 %) 

after the heat treatment, despite their full dehydrogenation as showed by XRD patterns in 

Fig. 3c and 4c. Minimal changes in the C14 unit cell volume of the Alloy 1 denotes a higher 

structural stability and the least changes in hydrogen absorptionation characteristics of the 

Alloy1 during hydrogen cycling.  

XRD pattern of the C14 Laves phase in all the alloys also shows peak broadening after the 

hydrogen cycling. In general, XRD peak broadening after the hydrogen cycling can be 

attributed to a decrease in crytalline size and/or generation of heterogeneous strain [12], 

[21]. High density dislocation formation as a result of lattice parameters mismatch of the 

hydride phase and the alloy and retained hydrogen are proposed as the origin of 

heterogeneous strain during the cycling [20], [25], [27]. Crystalline size and the 

heterogeneous strain induced during the cycling can be estimated from Hall’s method [20], 

[42]:  

     

 
   

    

 
 
 

 
 (1) 

Where   is the Full Width at Half Maximum Intensity (FWHMI),   is the peak postion,   is 

the wavelength of the x-ray (0.15405 nm),   is the hetrogeneous strain and   is the 

crytalline size. Crystalline size and heterogeneuous strain of the alloys were estimated from 

Eq. (1) and are listed in Table 2. The crystalline size for all the alloys decreases after the 

cycling and some limited regrowth in the crystalline size seems to occur after the heat 

treratment. Heterogeneous strain increases in all the alloys after the cycling but its 

magnitude is lowest for the Alloy 1 (given by stress ratio in Table 2) and highest for the Alloy 

3. In addition, heat treatment seems to almost fully relief the heterogeneous strain in the 

Alloys 1 and 2, but the remained heterogeneous strain in the Alloy 3 is almost double the 

value of this alloy after the fabricationsynthesis.  
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5. 4. Discussion 

The observed unique cycling behaviour for each of the studied alloys signifies the 

important role of the alloy composition and structure on the cyclic lifetime. Although a 

relatively stable cyclic performance was reported for AB2 type hydrides [21]–[24], The alloy 

composition seems to critically impact the cyclic property of the alloy. Here, the inherent 

properties of the alloys appear to be influenced as a result of a subtle change in the 

composition of the alloy. Degradation in the cyclic stability of the studied alloys could be 

occurred via pulverisation and/or phase disproportionation. The estimated crystalline size in 

Table 2, indicated a limited and nearly similar reduction in the crystalline size for all the 

alloys. Hence, the observed difference in the cyclic stability of the alloys is less likely to 

originate from the pulverisation. On the other hand, phase disproportionation could be seen 

in the Alloys 2 and 3 leading to the formation of stable hydride phase. In fact, it has been 

suggested that microstructural inhomogeneity as a result of changes in the alloys 

stoichiometry could potentially lead to disproportionation through the formation of stable 

hydride phases [27].  

Dehydrogenation of the studied alloys was also investigated by TG-MS in Fig. 7. 

Surprisingly, hydrogen is also desorbed from the Alloy 1 (Fig. 7a), despite the lack of stable 

hydride phase after the cycling in this alloy (Fig.2b). TG curve of the Alloy 1 in Fig. 7b shows 

that the amount of released hydrogen is almost 0.1 wt %, which is close to the observed 

capacity loss of about 0.15 wt % at the end of the cycling (Fig. 6b). Although the proportion 

of the stable hydride phase in the Alloy 3 was higher compared to the Alloy 2 after the 

hydrogen cycling (Table 2), the amount of released hydrogen from the Alloy 2 (~0.4 wt %) is 

approximately twice the amount of hydrogen released from the Alloy 3 (~ 0.2 wt %) in (Fig. 

7b). In addition, TG curves in Fig. 7b indicates that hydrogen is more loosely retained in the 

Formatted:  No bullets or
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Alloys 1 and 2 as hydrogen starts to be desorbedthe dehydrogenation starts at around 150 

180 °C compared to 300 °C for the Alloy 3.  

The TG-MS data clearly indicate the effect of the retained hydrogen for capacity loss during 

the cycling. In fact, structural changes and deviation of Mn atomic position as a function of 

C14 Laves phase composition in Ti-Mn based alloys were observed [21] during hydrogen 

cycling. This could result in retained hydrogen inside the Laves phase which its scale 

gradually increased during the hydrogen cycling. The retained hydrogen was accompanied 

by heterogeneous strain and lattice expansion and its attenuating effect on hydrogen 

capacity was reported [18], [11], [25]. Hence, it seems that retained hydrogen, which is 

accompanied by a small increase in the lattice constants and C14 Laves phase volume, is the 

primary reason for the observed loss of hydrogen capacity in the Alloy 1. Nevertheless, 

hyper-stoichiometry of the Alloy 1 and its smaller C14 Laves phase cell volume seems to 

infer a higher cyclic stability at the beginning of the hydrogen cycling. Gradual changes in 

the C14 Laves phase structure (as evident from its lattice parameters and the cell volume) 

may lead to an increasing level of retained hydrogen that becomes noticeable around 

between 250 cycles and saturates aroundto 650 cycles. Despite, the hydrogen interaction 

with the studied alloys during the cycling appears to be changing according to the alloys 

stoichiometry. Formation of stable hydride phase was observed in both Alloys 2 and 3 with 

lower B/A ratio (1.97 and 1.82 respectively) compared to the Alloy 1 (2.19) after the 

hydrogen cycling. Extended compositional homogeneity range in C14 Laves phase implies 

considerable changes in certain atomic and interstitial site occupation may occur as a results 

of changes in the composition of the alloy. Compositional changes may encourage the 

formation of interstitial sites with different local chemical environments. For example, the 

introduction of Ti into the B sites can create a series of interstitial sites rich in Ti, showing 
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different affinities to hydrogen [43]. It was shown that [44] the excess Ti atoms in Ti1.2Mn1.8 

alloy occupy one of the Mn atomic positions, preferably 2a sites, leading to the formation of 

the Ti3Mn interstitial site with high hydrogen affinity. Increasing the Ti content in the 

multicomponent alloys were also noted to enhance the alloy-hydrogen interaction [13]. The 

hydrogen absorptionation plateau pressures of the studied alloys lowered (Fig. 5) as the B/A 

ratio decreased (Fig. 5 and Table 1), indicating a more favourable thermodynamic for 

hydride formation. This was reflected in the higher phase abundance of the formed stable 

hydrides in the Alloys 3 (72.7 %) compared to the Alloy 2 (13.5 %), in accordance with their 

Ti content. However, a higher amount of hydrogen desorbed from the Alloy 2 compared to 

the Alloy 3 after the hydrogen cycling (Fig. 7b) may also be also attributed to the 

contribution of retained hydrogen in the lattice rather than just dehydrogenation of the 

stable hydride phase. This can be corroborated by the similar dehydrogenation onset 

temperature (~ 180 °C) of the Alloy 2 to the Alloy 1 with no sign of stable hydride formation 

after the hydrogen cycling. In contrast, dehydrogenation of the Alloy 3 starts at a higher 

temperature (~ 300 °C) which may be entirely attributed to the dehydrogenation of the 

stable hydride phase observed after the hydrogen cycling. It is worth mentioning that the 

level of the hydrogen released from the Alloy 2 and especially Alloy 3 with a higher hydride 

phase abundance is well below the observed alloys maximum hydrogen capacity of the 

alloys (~ 1.7 wt %). This may suggests that the stable hydrides are mainly predominantly 

formed on the surface of the alloys, which could kinetically inhibit hy/dehydrogenation of 

the alloys at the studied experimental conditions. 

Also, it was shown in Fig. 6b that the hydrogen capacity could be only fully recovered in the 

Alloys 1 and 2 after the heat treatment. Although heat treatment completely reverts the 

structure of the Alloys 2 and 3 to C14 Laves phase (Table 2), the volume expansion of the 
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Alloys 2 and 3 remains at 0.42 % and 0.5 % respectively. Furthermore, unlike the Alloy 2 

which its volume expansion does not lead to an increased heterogeneous strain ratio, the 

volume expansion in the Alloy 3 is accompanied by a higher heterogeneous strain ratio 

compared to this alloy after the synthesisfabrication. This may be explained by the variation 

of c/a ratio of the C14 Laves phase as given in Table 2. The c/a ratio of the Alloy 2 after heat 

treatment is almost similar to the original value after the fabricationsynthesis. In contrast, 

the c/a ratio of the Alloy 3 after the heat treatment is considerably smaller compared to its 

value after the fabricationsynthesis, denoting a non-uniform hexagonal cell expansion along 

the a axis. It is known that [45] C14 Laves phase can be permanently deformed as a result of 

variation in its lattice parameters when interacting with hydrogen. It may be suggested that 

the higher level of hydride formed in the Alloy 3 deformed the C14 laves phase structure 

(e.g. by escalated dislocation density). Hence, the observed structural changes in the Alloy 3 

may be responsible for the lack of full hydrogen capacity recovery after the heat treatment.  

Overall, the observed loss of capacity during hydrogen cycling in the studied alloys appears 

to be a dynamic process, dominated by the alloy stoichiometry. Nevertheless, the cyclic 

stability of the alloys, particularly those with low hydrogen absorptionation plateau 

pressure, may be extended by tuning the experimental condition.  

6.5. Conclusions 

The effects of small stoichiometric changes on the microstructure, hydrogenation 

absorption characteristics and particularly cyclic stability of the Ti-Mn based 

multicomponent alloys were investigated. The microstructure of hyper-stoichiometry (Alloy 

1), stoichiometry (Alloy 2) and hypo-stoichiometry alloys featured a main C14 Laves phase 

accompanied by small secondary phases with considerably higher Ti contents. The 

hydrogenation absorption characteristics of the alloys changed as a function ofwith respects 
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to the alloys stoichiometry. Lowering B/A ratio reduced the hydrogen absorptionation 

plateau pressure. Cyclic stabilities of the alloys under high purity hydrogen were studied and 

hyper-stoichiometric alloy showed only about 9 % reduction in its hydrogen storage capacity 

after 1000 cycles as opposed to the full hydrogen capacity loss after about 950 cycles in the 

stoichiometry and about 500 cycles in the hypo-stoichiometry alloys. The loss of hydrogen 

capacity seemed to be caused by the retained hydrogen in C14 Laves phase lattice and/or 

the formation of stable hydride phase. However, this is a dynamic mechanism which 

suggested to be mainly determined by the composition of the alloy and to a lower extent by 

the experimental conditions, especially for the alloys with low hydrogenation absorption 

plateau pressures. Nevertheless, hydride formation during the cycling may cause levels of 

irreversible hydrogen capacity loss by gradually degrading the C14 Laves phase structure.  
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Figure 1: SEM Images of cross section of the (1) Alloy 1, (2) Alloy 2 and (3) Alloy 3 after the 

fabricationsynthesis. Various phases are shown by (a) the matrix phase, (b) the grey phase 

and (c) the dark phase. 

 

20 30 40 50 60 70 80 90

  

  

 















 

 

(b)

 
 

 

  

C14              

A
3
B

3
O          





















 

 
(a)

 

In
te

n
si

ty
 (

a
.u

.)

2deg.)

 

 

  

 
















 

(c)

 

 

 

Figure 2: XRD patterns of the Alloy 1 (a) after synthesis fabrication (b) after hydrogen 

cycling (c) after heat treating of the cycled sample at 350 °C and 1 bar H2.  
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Figure 3: XRD patterns of the Alloy 2 (a) after fabrication synthesis (b) after hydrogen 

cycling (c) after heat treating of the cycled sample at 350 °C and 1 bar H2.  
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Figure 4: XRD patterns of the Alloy 3 (a) after fabrication synthesis (b) after hydrogen 

cycling (c) after heat treating of the cycled sample at 350 °C and 1 bar H2.  
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Figure 5: Room temperature PCI curves of the (a) Alloy 1 (b) Alloy 2 (c) Alloy 3 
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Figure 6: (a) Shows a few typical room temperature hydrogen cycles of the alloys. A 

complete hydrogen absorption and desorption ation and dehydrogenation are considered 

as a cycle, accompanied by exo/endothermic heat profile of the sample. (b) Shows in-situ 

measured changes in the hydrogen capacity of the alloys as a function of hydrogen cycles 

(solid lines are guide to the eye). R indicates the recovered hydrogen capacity of the cycled 

samples after the heat treatment at 350 °C and 1 bar H2.  
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Figure 7: Thermal desorption dehydrogenation profiles of the alloys after the hydrogen 

cycling. (a) Mass spectra (b) TG curves of the alloys.   

9. Table 

Table 1: EDS compositional analysis for various phases of the alloys after fabrication 

synthesis (EDS errors within ±1 at. %) 

Sample 
EDS composition (at.%) 

B:A 
atomic 
ratio  

Alloy 1–matrix 
phase 

Ti30.6V16.4Mn48.7(Zr0.7Cr0.8Fe2.8) 2.19 

Alloy 1-grey 
phase 

Ti41V15.3Mn39.3(Zr1.5Cr0.4Fe2.5) 1.35 

Alloy 1-dark 
phase 

Ti54V10.9Mn29.6(Zr3.6Cr0.4Fe1.5) 0.74 

Alloy 2-matrix 
phase 

Ti32.8V15.1Mn47.1(Zr0.9Cr1.2Fe2.9) 1.97 

Alloy 2-grey 
phase 

Ti41.5V13Mn41.1(Zr0.7Cr0.7Fe3) 1.36 

Alloy 2-dark 
phase 

Ti65.9V9.2Mn22.6(Zr0.6Cr0.2Fe1.5) 0.5 

Alloy 3-matrix 
phase 

Ti34.5V15.4Mn44.7(Zr0.9Cr1.3Fe3.2) 1.82 

Alloy 3- grey 
phase 

Ti44V18.3Mn34.3(Zr0.5Cr0.5Fe2.4) 1.24 

Alloy 3-dark 
phase 

Ti88V4.1Mn6.9(Zr0.6Cr0.1Fe0.3) 0.12 
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Table 2: Phase abundance, lattice parameters and the C14 unit cell volumes of the alloys after fabrication synthesis (ASF), after the cycling (C) 

and after the heat treating (HT), estimated by Rietveld refinement method. Included are also the crystalline size and heterogeneous strain of 

the alloys estimated by Hall’s method.   

Sample 
Phase abundance (%) 

Mid 
plateau 
pressure 

(bar)* 

a (nm) c (nm) c/a 
C14 cell 

volume (nm
3
) 

Volume 
expansion** 

(%) 

Crystalli
ne size 
(nm) 

Strain 
Strain 

ratio*** 
C14 FCC 

TiMn
Hx 

Alloy 1 - 
ASF 

~99 ~1 - 
Hy:39.5 

Dehy:20.2 

 
0.4865 

 

 
0.7977 

 

1.6396 0.1635 - 45.8 0.0049 - 

Alloy 1 - C 100    0.4868 0.7980 1.6392 0.1638 0.17 29.5 0.0058 1.18 

Alloy 1 - 
HT 

100    0.4866 0.7979 1.6397 0.1636 0.09 31.07 0.0008 0.16 

Alloy 2 - 
ASF 

92.3 7.7  
Hy:26.2 

Dehy:14.5 
0.4871 0.7984 1.6390 0.1640 - 39.7 0.0127 - 

Alloy 2 - C 86.5  13.5  0.4908 0.8047 1.6395 0.1679 2.32 21.2 0.0190 1.49 

Alloy 2 - 
HT 

100    0.4878 0.7996 1.6391 0.1647 0.42 33.06 0.0009 0.07 

Alloy 3 - 
ASF 

100   
Hy:11 

Dehy:6.7 
0.4879 0.7999 1.6394 0.1649 - 38.09 0.006 - 

Alloy 3 - C 27.3  72.7  0.4936 0.8101 1.6412 0.1709 3.65 25.6 0.0202 3.37 

Alloy 3 - 
HT 

100    0.4889 0.8007 1.6377 0.1657 0.5 27.9 0.0113 1.9 

* Hy: hydrogenation, Dehy: dehydrogenation. 

** C14 cell volume expansion compared to the cell volume of the alloy after fabricationsynthesis. 

*** Heterogeneous strain compared to the heterogeneous strain of the alloy after fabricationsynthesis.  
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